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Synopsis

An experimental study of the spinnability and the variation in crystallinity and
orientation in high-density and low-density polyethylene fibers with melt spinning and
drawing conditions has been carried out. Three polymers (two high-density and one
low-density) and eicosane (CxHy) were studied. The maximum spinnability was in the
lower molecular weight high-density polyethylene. Hermans-Stein a, b, and ¢ crystallo-
graphic axis orientation factors were computed from wide-angle x-ray scattering patterns.
In the spun fiber, small take-up velocities cause the b axis to become perpendicular to the
fiber axis in each fiber. The ¢ axis increasingly orients itself parallel to the fiber axis as
take-up velocity increases. The a axis orientation is different for each polymer. The
results are interpreted in terms of modern theories of crystalline morphology, specifically
the development of row structures. In the drawing experiments, the two high-density
polyethylenes necked. A phenomenological theory of necking is discussed. The a, b,
and ¢ axis orientation factors were determined for different stages of drawing. In the
necked regions and in completely drawn fibers, the c axis was parallel to the fiber axis and
the @ and b axes are perpendicular to the fiber axis. The tangent Young’s modulus and
tensile strength of the spun fibers increased with take-up velocity and in the drawn fibers
were an order of magnitude higher than in the spun fiber. The mechanical properties of
spun fiber may be correlated with the ¢ axis (Hermans) orientation factor. The drawn
fiber shows significant variations in Young’s modulus and tensile strength at constant
unit cell orientation.

INTRODUCTION

The production of fibers from polymer melts generally involves two
steps. First, melt is extruded producing a vertical descending thread
which is cooled in transit and taken up on a godet in solidified form. This
process is known as melt spinning. The spun fiber is then subjected to a
second operation in which it is unwound from a slow roll, stretched (drawn)
under controlled temperature conditions, and taken up on a fast roll. This
second process is known as drawing. A wide range of spinning and drawing
variables is available to the fiber manufacturer. The choiceis one not to be
taken lightly or completely on the basis of economic considerations for the
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crystalline character, and mechanical properties can vary considerably
depending upon the decision reached.

The melt spinning and subsequent drawing of synthetic fibers were de-
vised by Carothers and his colleagues!—? in 1932-33. Most pertinent
features of the influence of melt spinning and drawing variables were noted
by Carothers and Hill,* including the effect of take-up velocity on erystalline
orientation and mechanical properties, the development of necks during
drawing, and the different crystalline orientations in the necked and un-
necked fibers. Since this work, numerous researchers*='7 have investi-
gated the influence of melt spinning variables on the orientation and crystal-
line character of fibers, and there has also been an effort to investigate the
drawing of filaments.8-% Research on drawing has mainly dealt with
four specific types of polymers: polyethylene, polypropylene, nylons 6
and 66, and poly(ethylene terephthalate) (PET), the latter three being
important synthetic fibers. Despite the number of studies noted above
on melt spinning and filament stretching, few are of quantitative nature,
and an even smaller number deal with the interaction of melt spinning and
drawing variables.

In recent years, The University of Tennessee has developed a research
program on the melt spinning and drawing of fibers.!8.18.27~22  The early
work emphasized rheological and heat transfer phenomena in the spin-
line.?”>® 1In turning to structure development in spinning and drawing,
it was decided to begin our melt spinning studies using polymers which
formed simple crystallographic structure and exhibited minimal poly-
morphism. Polymorphism, moisture-influenced ecrystallization rates,
poor x-ray patterns, and low unit cell symmetries ruled out nylon, poly-
ester, and polypropylene for the initial studies. Abbott and White'® were
led to choose polyethylene with its orthorhombic unit cell as a starting
point and determined crystallinity level and the Herman-Stein?—%! orienta-
tion factors as a function of spinning conditions. In a later study, Dees
and Spruiell!® determined the variation in level of crystallinity and orienta-
tion factors in polyethylene with position along the spinline. In this paper,
we will be concerned with the interrelationship between the melt spinning
and drawing variables on the nature of the crystallinity and molecular
orientation and in turn their influence on the mechanical properties.

SPECIFICATION OF FIBER STRUCTURE

Polyethylene fibers possess a complex structure. As viewed from a
macroscopic level, they are a crystalline material which x-ray data identi-
fies as orthorhombic.22:3% However, direct measurements of ecrystallin-
ity33 by x-ray diffraction, density, etc., yield values considerably less
than 1009, and, in certain low-density “branched’’ polyethylenes, values of
less than 259,. Whatever crystalline superstructures exist must possess
significant disorder on a smaller scale. In any case, the level of crystal-
linity measured may be interpreted as a level of order. In this paper, we
will be determining this gross overall erystallinity level in fibers as func-
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Fig. 1. Orientation of unit cell at polyethylene.

tion of spinning and drawing variables by density and calorimetric tech-
niques. The interpretation of these data in terms of specific relationships
between the level of order in molecular arrangements and process variables
is not unique and is dependent on the detailed structural model chosen.

A second major structural feature of polyethylene fibers is the level of
orientation of the polyethylene molecules and of the erystalline material
relative to the fiber axis. Hermans and his co-workers® (compare Zia-
bicki®) have proposed a measure of the average orientation of polymer
chains relative to the axis of a fiber in which there is complete molecular
symmetry around the axis. The Hermans orientation factor is

fa = %L (1)
@1 — a2
where a; and « are the average polarizabilities parallel and perpendicular
to the fiber axis and «; and a» are the polarizabilities along and perpen-
dicular to the polymer chain. If the polymer chains are envisaged to
occur asrigid rods in a rigid erystallite, then Hermans et al. show

fu = 1/2[3 cos?®,,, — 1] (2)

where &, , is the angle between the polymer chain axis and the fiber axis
and the bar over cos?®,,; indicates on averaging over all crystallites around
the solid angle. For the casc of complete parallel alignment of chains with
the fiber axis, &, ; is zero and fu becomes unity. For the case of chains
aligned perpendicular to the fiber axis, ®,,5 is 90°, and fg is —0.5. Stein3!
has pointed out that eq. (2) may be generalized so as to include all three
crystallographic axes,

fo = Y/2(3 cos2®, , — 1] (3a)
Jo = Y/2[3 cos®, , — 1] (3b)
Je = /(3 cos?®,,; — 1] (3c)

where ®,,;, $, » and &, (defined by Figure 1) represent the angles formed
by the a, b, and ¢ crystallographic axes. The ¢ axis orientation factor
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corresponds to the Hermans orientation factor. For an orthorhombic unit
cell such as exists in polyethylene, Stein®! shows that the orthogonality
requires

foth+f =0 )

It is to be noted that the three orientation factors of eq. (3) specify orienta-
tion in the well-ordered regions of the fiber and not in the amorphous re-
gions (see the discussions of Stein and Norris* and Samuels?4%7). Secondly
this function specifies only the averaged orientation of the various crystal-
lites but not their distribution. More than one distribution of erystallites
(morphology) may produce the same orientation factors.

In this paper, we will deseribe the structure of polyethylene fibers in
terms of a crystallinity index which represents a measure of the average
order within the polymer in addition to the three Hermans-Stein crystalline
orientation factors which measure the average position of the three erystal-
lographic axes relative to the fiber axis. Such a specification is incomplete
and in fact says relatively little about the actual arrangements of polymer
chains or the type of order on a level higher than the unit cell. 1t is well
known that ordered structure on a higher level exists. Small-angle x-ray
diffraction shows repeat distances of 100-200A 112338 in both oriented and
unoriented polymer. Numerous papers discuss qualitative aspects of
spherulitic structure?-3%-4 and the fibrils which result from drawing experi-
ments.?3.%

The orientation factors which we measure experimentally from fiber
patterns are averaged in another sense. There is no reason to expect that
fibers will be structurally uniform across their cross section. There is
indeed evidence which suggests otherwise. The fibers which are formed
from a descending molten thread solidify radially from the outer surface
inward.#! The outer layers will erystallize under a condition of high stress
and will possess a highly oriented structure. As erystallization proceeds
inward from the surface, the continuity of the solid skin-molten core
structure requires that the core will crystallize under less stress than the
surface. With the solid skin supporting the load, the molecular rearrange-
ment in the melt can relieve much of the stress, with resultant lower orienta-
tion in the core during solidification. One would thus expect the internal
portions of a fiber to possess a lower orientation than the external layer.
Radial variations in structure of fibers have been noted by scanning electron
microscopy*? and by optical microsecopy,*® with the surface layers appearing
most highly oriented. Fung and Carr!?® have shown that melt-spun poly-
ethylene fibers exhibit a radial variation of birefringence, with the maximum
birefringence found at the outer edge of the fiber. Katayama, Amano,
and Nakamura!'! and Dees and Spruiell,’® who give the above argument
about fiber solidification, have observed that the erystalline ¢ axis orienta-
tion factor in the erystallizing fiber in a spinline decreases with inereasing
distance from the spinneret concurrent with the increase in overall crystal-
linity.
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EXPERIMENTAL

Materials

Three commercial polyethylenes and a paraffin were investigated in this
study. Two of the polymers were of the high-density type, one made by
Dow Chemical with a melt index of 6.0 and a second manufactured by
Phillips Petroleum with a melt index of 0.1. The third polyethylene was
a low-density type manufactured by Dow Chemical with melt index of
5.0. The paraffin was cicosane (CyHu) obtained from Fischer Chemical.
The three polymers will be designated in the remainder of the paper as
HMW-HDPE = high-density polycthylene (Ml = 0.1); LMW-HDPE =
high-density polyethylene (Ml = 6.0); and LDPE = low-density poly-
ethylene. The HMW-HDPE and LMW-HDPE represent high molecular
weight and low molecular weight high-density polyethylene.

Rheological Measurements

As all melt spinning experiments were carried out at 180°C, the rheo-
logical properties of the melts studied were investigated at that tempera-
ture. An Instron capillary rheometer was used to perform the measure-
ments. The viscosity was computed using standard methods. 444

Melt Spinning

The various polyethylenes were melt spun from an Instron capillary
rheometer at 180°C. The melt was then forced through a capillary having
a diameter of 0.0543 in. and an L/D ratio of 20.0. The extruded filament
was taken up on a bobbin at predetermined speeds. The spinning path
for the taken-up fiber was approximately 90 em. The mass flow rate was
the same for all experiments and was approximately 3.25 g/min. The
take-up speeds ranged up to 453 meters/min. It is to be noted that the
geometry of the spinline prevents the fibers from being spun vertically
downward.

Cold Drawing

The spun fibers were drawn in an Instron tensile testing machine at
room temperature at a cross-head speed based upon a drawing rate of 209,
of the initial fiber gauge length per minute.

X-Ray Diffraction

Wide-angle x-ray diffraction patterns were used to determine erystalline
orientation factors. Specifically the (200) and (020) crystallographic
plane orientations were used to determine f, and f,, and eq. (4) was used
to obtain f,. A fixed geometric relationship exists between the angles
®, .z, .5, the Bragg angle 6, and the angle ¢ (azimuthal angle between
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023

Fig. 2. Definition of angle ¢ on wide-angle x-ray scattering pattern for polyethylene.

the equator and the observed position of diffraction on the flat plate fiber
pattern, see Fig. 2). Specifically (see Stein3?),

c08?®,,, = €0s%, sin%, (5a)
c0s?®, ;, = €05%, sin%P, (5b)
where
/2
f I(y) sin?y cos ¢ dy
sinyg = (6)

x/2
j; I(Y) cos ¢ dy

where I (¢) is the relative intensity of the diffracted beam at angle ¢.

A Rigaku General Electric rotating-anode, high-intensity x-ray unit was
used to obtain the diffraction patterns on the polyethylene fibers. This
allowed determination of fiber patterns in a period of about 13 min.

Density

Densities of the spun and drawn fibers were determined with a density
gradient column constructed using distilled water and isopropy! aleohol
according to the method deseribed by Tung and Taylor.® A crystallinity
index was calculated as a percentage based on measured densities of the
fibers using the relationship

V.-V

Vo— V.
where V is the reciprocal of the measured density and V, and V, are Swan’s
expressions? for the specific volume of the amorphous and erystalline

fractions. However, one must be wary of the existence of voids in the
fibers which will introduce inaceuracies into eq. (7).

X (7)

Calorimetry

The crystallinity of the spun and drawn fibers was also determined using
a Perkin-Elmer differential scanning calorimeter Model N. D8G-18. The
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Fig. 3. Non-Newtonian viscosity function of the LMW-HDPE, HMW-HDPE, and the
LDPE at 180°C.

heat of fusion for a known mass of sample was determined from the area
under the fusion portion of the trace determined at 10°C/min. This was
compared with a heat of fusion of 66.2 calories/g which was taken to be
the value for a perfect crystal.

Mechanical Properties

Force—elongation data for the spun and drawn fibers were obtained using
an Instron tensile testing machine Table Model-TM with hydraulic action
grips. An elongationrate of 1009,/min was used.

RHEOLOGICAL PROPERTIES

Figure 3 contains a plot of the non-Newtonian viscosity functions u
of the three polyethylene melts as a function of shear rate. The higher
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Fig. 4. Crystallinity of polyethylene fibers as a function of take-up velocity.
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(d)

Fig. 5 (continued)

viscosity level of the HMW-HDPE is apparent. The parallelism of the
viscosity—shear rate curves for the two high-density polyethylenes is of
interest. The LDPE exhibits a greater degree of non-Newtonian character
than the high-density polyethylenes.

MELT SPINNING

Results

The spinnability (i.e., the ability to spin fibers from the melt without
spinline breakage) of the three polymers considered in this study were
rather different. The HMW-HDPE and LDPE could be taken up with
velocities only to about 80 meters/min, while LMW-HDPE could be taken
up at rates to about 450 meters/min. The HMW-HDPE was slightly
more spinnable than the LDPE. It was not possible to spin the eicosane
into fibers, even at temperatures just above its melting point.
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(e) 49]

(g)

Fig. 5. Wide-angle x-ray scattering patterns of polyethylene fibers at different take-up
velocities. (a) Take-up velocity = 37 m/min (LDPE); (b) take-up velocity = 37
m/min (HMW HDPE); (c) take-up velocity = 80 m/min (LDPE); (d) take-up
velocity = 80 m/min (HMW HDPE); (e) take-up velocity = 37 m/min (LMW
HDPE); (f) take-up velocity = 80 m/min (LMW HDPE); (g) take-up velocity =
455 m/min (LMW HDPE).

The level of crystallinity of the three polyethylene fibers is shown as a
function of take-up velocity in Figure 4. Crystallinities obtained from
density and calorimetry measurements were found generally to agree within
about 29;. The crystallinity is found to decrease at first with increasing
take-up velocity for the LMW-HDPE and the HMW-HDPE, but the
overall level of erystallinity in the latter polymer is lower. The level of
crystallinity in the LMW-HDPE, however, rapidly reaches a lower asymp-
tote. The behavior of LDPE is strikingly different. Its level of crystal-
linity is much lower (~309%,) than the two HDPEs (~65%,) and, unlike
them, is independent of take-up velocity.
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Fig. 6. The a, b, ¢, axis orientation factors for polyethylene fibers as a function of take-up
velocity.

Figure 5 contains a series of wide-angle x-ray scattering patterns showing
the development of crystalline orientation for the LMW-HDPE, HMW-
HDPE, and LDPE. Figure 6 plots the three crystallographic orientation
factors as a funetion of take-up velocity for the three polyethylenes studied.
It is apparent that for all three polymers, the b erystallographie axis orients
itself perpendicular to the fiber axis at the lowest take-up velocities. There
is also tendency towards ¢ axis orientation with increasing take-up velocity.
The tendency is the strongest in the HMW-HDPE and the weakest in the
LDPE. The maximum value the ¢ axis orientation factor attains is about
0.6. The LDPE and, to a lesser extent, the LMW-HDPE show a ten-
dency toward a axis orientation at low take-up velocities. However, as the
take-up velocity for the LMW-HDPE is increased, the a axis orientation
decreases, and becomes random and eventually perpendicular to the fiber
axis. For the LDPE, a axis orientation decreases with increasing take-up
velocity, but f, still remains positive.

DISCUSSION

If we combine our observations of spinnability of polyethylene melts
together with those of Abbott and White and Ziabicki and Kedzierska,’
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it is apparent that if one considers the variation in spinnability with molecu-
lar weight of n-paraffins, one finds that neither very low nor very high
molecular weight polymer may be spun from an extruder into fiber. There
will be a maximum in the spinnability-molecular weight curve. The
LMW-HDPE is nearer the maximum than the HMW-HDPE. These re-
sults agree with the data on other polymer systems. Carothers and Van
Natta? found that linear polyesters from w-hydroxydecanoic acid could
only be spun into fiber at molecular weights of 10,000 and above. Zia-
bicki,* in summarizing data from the literature, found a maximum in the
dependence of spinnability upon molecular weight. Certainly, the lowest
molecular filaments break by the Rayleigh surface tension instability.-4?
At higher molecular weights, the higher viscosity damps out the disturbance
leading to enhanced stability. Here any analysis must consider the inter-
action of ductile yielding during stretching as well as surface tension (see
Tomotika® and Pearson and Matovich®'). The development of visco-
elasticity at high molecular weights should also lend to the stability.>?
At still higher molecular weights, brittle fracture resulting from energy
storage will lead to failure.®® These ideas are in general accord with those
of Ziabieki.!

The decreasing level of crystallinity in high-density polyethylene with
increasing take-up velocity agrees with the results of Abbott and White®
and Dees and Spruiell.’® Two views of the meaning of such crystallinity
variations seem possible. Ziabicki'® (see also Abbott and White®) suggests
that it is the result of increased cooling rates due to the higher ratio of
surface area to mass in the fiber at the high take-up velocities which leads
to a smaller residence time in the region of maximum ecrystallization rates.
While this seems reasonable for fibers with glass transition temperatures
above room temperature, it would seem questionable for polyethylene
which crystallizes almost infinitely rapidly at temperatures not too far
below its melting temperature. We can offer an alternate view which
perhaps is more useful. There seem to be no amorphous regions in high-
density polyethylene in the classical sense. Indeced, Dees and Spruiell®®
show that birefringence orientation is almost completely due to erystalline
orientation. Application of tensile stress greatly increases the rate of
crystallization, which in turn gives rise to greater levels of crystalline dis-
order. There is insufficient time for conformational adjustment of the
chains to produce the high level of order often found in single erystals care-
fully grown from solution. Thus, we suggest that a lower crystallinity is
primarily a result of increased crystallization rate. In the latter part of
the paper, we will discuss possible detailed morphologies consistent with
this interpretation.

From. inspecting the plots of the orientation factors versus take-up
velocity, it would seem that each of the three melts exhibits different
characteristics. For the LMW-HDPE, there are three distinct regions.
At the lowest take-up velocity, there is no preferred orientation and

fo=fHh=f=0. (8a)
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As the take-up velocity increases, f, becomes negative and f, and f, be-
come positive and approximately equal, i.e.,

fom —045  fy~f.~ 022, (8b)

It has been pointed out by Spruiell** that these are nearly the exact values
for the type of orientation in which the b axis is prependicular to the fiber
axis, with the a and ¢ axes randomly disposed within a plane parallel to the
fiber axis. This assignment is based on the sum of the three orientation
functions being zero, eq. (4), with f, = —0.5 and equality of f, and f.. An
alternate assignment of orientation satisfying Eq. (8b) would be one in
which the b axis was normal to the fiber axis with a and ¢ axes each inclined
45° to the fiber axis. The implications of these solutions to morphology
will be discussed later. At the higher take-up velocities, it is found that

fp = —045 f, > —020 f. — 0.65. (8c)

The a axis as well as the b crystallographic axis tends to become perpen-
dicular to the fiber axis. The ¢ axis, i.e., the polymer chains themselves,
becomes increasingly parallel to the fiber axis.

For the HMW-HDPE, we find eq. (8a) to be valid at the lowest take-up
velocities. However, on increasing the take-up velocity, the b axis im-
mediately becomes perpendicular to the fiber axis, and the a axis shows a
lesser tendency to orient perpendicular to the fiber axis. Thus, one moves
directly into the region defined by eq. (8¢) without apparently ever ex-
hibiting the behavior defined by eq. (8b). However, this might be due to
our not having fibers produced at very low take-up speeds.

The LDPE behavior shows greater differences. While eq. (8a) remains
valid at very low take-up speeds, one finds a combination of the b axis rapid-
ly becoming perpendicular to the fiber axis with a strong tendency for the a
axis to become parallel to the fiber axis. At the highest take-up velocity:

fo~ —045  fo~01  f.~035 (8d)

which still indicates considerably more a axis orientation than found in
eq. (8c).

These observations are in general agreement with earlier studies of melt
spun polyethylene fibers by Katayama, Amano, and Nakamura,'! Kitao,
Ohya, Furukawa, and Yamashita,'* Abbott and White,!® and Dees and
Spruiell.’®® The three latter groups clearly observed the eq. (10a)—-(10b)-
(10c¢) transformation. The higher levels of a axis orientation in low-density
than in higher-density polyethylenes were observed by Abbott and White.
A reinspection of their fiber patterns of the high-density polyethylenes also
indieates that the maximum ¢ axis orientation factor achievable seems to
be about 0.6.

DRAWING

Results

The drawability, i.e., the ability to elongate the fibers without breakage,
of the three melt-spun polyethylenes varied considerably. The LDPE
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Fig. 7. Variation in crystallinity of LMW-HDPE with extent of draw for fibers drawn to
different extents.

fibers broke short, whereas the HMW-LDPE and the LMW-HDPE could
be stretched to high draw ratios. We define draw ratio and per eent draw
by

DR = Iif per cent draw = ILLO X 100 (9)

Lo LO

where L, is the initial fiber length and L, is its final length. The LDPE
fibers spun at 37 meters/min can be stretched to DR values of 2.5-3.5
before breakage, while the LMW-HDPE spun under the same conditions
could be stretched beyond a draw ratio of 20 and the HMW-HDPE beyond
a draw ratio of 12. The extent of draw before break decreases with in-
creasing fiber take-up velocity. The DR to break for the LMW-HDPE de-
creases from a value greater than 20 for a take-up velocity of 37 meters/
min to 7-10 for a take-up velocity of 455 meters/min.

In the LMW-HDPE and the HMW-HDPE (but not the LDPE), necks
and shoulders were observed to form during the cold-drawing operation.
The DR required for disappearance of necks and shoulders in the two
HDPE samples was found to depend upon take-up velocity during melt
spinning. For LMW-HDPE spun at 37 meters/min, a draw ratio of 13
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(a)

(e) d)

Fig. 8. X-Ray diffraction patterns for drawn polyethylene fibers. (a) Diffraction
pattern of spun HDPE (MI = 6.0) fiber, take-up velocity = 81 m/min; (b) diffraction
pattern of drawn HDPE (MI = 6.0) fiber, take-up velocity = 81 m/min, draw ratio =
13 (necks and shoulders being absent); (c) diffraction pattern of unnecked region of
drawn HDPE (MI = 6.0) fiber, take-up velocity = 81 m/min, total draw ratio = 5;
(d) diffraction pattern of necked region of drawn HDPE (MI = 6.0) fiber, take-up
velocity = 81 m/min, total draw ratio = 5.

was required to make the necks disappear, while for a fiber spun at 450
meters/min, a draw ratio of only 7 was required. During the drawing of
the two HDPE'’s, ‘‘whitening’’ occurs in the necked regions which is ac-
companied by a large drop in density. This would imply the formation of
voids. Generally, differential scanning calorimeter crystallinities were
higher in the necked regions than the unnecked portions of the fibers, while
density crystallinities were much lower. We have accepted the former
values throughout the remainder of this section.

Figure 7 plots the variation of the crystallinity in the LMW-HDPE
with extent of draw for fibers with varying take-up velocities. The LMW-
HDPE curves may be seen to be double valued and to converge to single
points at a high draw ratio where the necks disappear. As mentioned
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Fig. 9. Orientation factors f. and f, in necked and unnecked regions of LMW-HDPE
fiber as a function of spinning conditions.

above, the crystallinities are generally higher in the necked than the un-
necked regions.

Figure 8 contains x-ray diffraction patterns for the drawn polyethylene
fibers for varying draw ratios. The increased level of ¢ axis orientation
parallel to the fiber axis and e axis orientation perpendicular to the fiber
axis in the final drawn fibers is apparent. The higher degree of this type of
orientation in the necked as compared with the unnecked regions should
also be apparent. The two Hermans-Stein orientation factors f, and f.
were determined from the fiber patterns and are plotted as a function of
draw ratio in Figures 9 and 10 (f, not contained in these plots is of order
—0.5). The orientation factor curves are double valued after necks ap-
peared. In the unnecked region, f, and f, are functions of the initial take-
up velocity, f. being an increasing function of take-up velocity. In the
necked regions, f. has a value of 0.95 or greater, and f, is of order —0.45.
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Fig. 10. Orientation factors f. and f, of different polyethylene drawn fibers in necked and
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Discussion

The question as to the mechanism leading to the formation and propaga-
tion of necks must be faced. We begin with the point that materials of
varying structure exhibit necking.’:'*?! From a phenomenologic view-
point, it must be due to existence of geometric or material nonhomogeneities
in the fiber. In an industrial drawing operation, a heated plate or tube is
used to induce material nonuniformity and induce necking at a particular
spatial position. However, in our experiment, no such nonhomogeneities
exist, and the cause must be geometric defects, i.e., necking probably be-
gins at cross sections possessing higher concentrations of flaws. If this
is the origin of necking, we must add to the above discussion the mecha-
nism of neck propagation. Once a neck is formed, why does it not either
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disappear or grow catastrophically as in a metal? The answer must lie in
the shape of the stress—strain curve; specifically, the material must exhibit
something anologous to “‘strain hardening,” i.e., the resistance to strain
increases with increasing draw ratios. The higher orientations and levels
of crystallinity in the necked regions support this interpretation. Addi-
tional support comes from the mechanical property measurements described
in the next section.

Some question exists as to the meaning of the crystallinity data in
Figure 7, for during the temperature upsweep the samples are annealed and
some “‘healing” or rearrangement of the crystalline structure occurs. The
level of this annealing will certainly vary with the degree of orientation,
and there are considerable differences in orientation between the necked
and the unnecked regions.

From studying the LMW-HDPE and HMW-HDPE orientation factor
plots, it is apparent that in the necked regions, and in the drawn fibers after
the disappearance of soulders and necks,

fo~ —045 fo~ —045  f.~09-1.0 (10)

which indicates nearly uniform axial erystalline orientation. This repre-
sents a fourth region of distribution of orientation factors for processed
high-density polyethylene fibers, in addition to eqs. (8a), (8b), and (10d).

There is an enormous literature on stretching spherulitic polyethylene
films and fibers. What comparisons are possible would seem in general
agreement with our work. However, a wide variety of drawing rates,
temperatures, and polyethylene types have been used which make specific
comparison difficult. Our low-density polyethylene fibers did not neck.
However, there have been numerous studies of stretched polymers of this
type using varying conditions which apparently do lead to necking.

MECHANICAL PROPERTIES

General Considerations

The melt-spun fibers were subjected to uniaxial stretching by a cross
head moving at constant velocity. The response of the fibers to the
applied deformation is in general complex. Many fibers, for example, ex-
hibit formation and growth of necks under these conditions, as was seen
in the discussion of the previous section. The crystalline orientation of
the material in the necked regions differs considerably from that in the
remainder of the fiber. This complex response does not allow ready inter-
pretation of the deformation behavior in terms of any well-established area
of deformation mechanics. We shall proceed by plotting the data in
terms of stress ¢ and strain e defined by

_F L=l
T4 T L

g

(11a,b)
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Fig. 11. Stress—strain curves for three different polyethylene fibers spun under the same
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where F is the tensile foree, A, is the initial eross-sectional area, L is the fila-
ment length in the deformed state, and Lo is the filament length in the initial
state. We shall also consider the modulus which is defined as

E =lim <. (11¢)

e—0 €

Figure 11 contrasts the behavior of the three different polyethylene fibers
spun at the same take-up velocity. Figures 12-14 compare modulus E,
tensile strength (based upon initial cross-sectional area), and elongation to
break for each of the polyethylenes as a function of take-up velocity. The
difference in response of the three fibers is striking. The two HDPE’s
both exhibit necking and longer elongation to break than the LDPE.
The HMW-HDPE exhibits higher modulus and tensile stresses than the
LMW-HDPE but a smaller elongation to break. In general, increasing the
take-up velocity increases the modulus £ and the tensile strength but de-
creases the elongation to break.
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Fig. 15. Tangent modulus E of spun polyethylene fibers as a function of the Hermans
orientation factor.
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Discussion of Spun Fiber Data

An attempt was made to correlate the properties of the spun fiber with
the level of crystallinity and orientation. For each of the HDPE’s, E
is a decreasing function of crystallinity X, though only for a small range of
crystallinity values. If, however, one introduces LDPE into the picture,
the low levels of both E and X relative to that of the HDPE’s suggest rather
that £ is an increasing function of X with considerable variations perhaps
due to secondary effects from crystalline orientation and chain length.

Let us now turn to orientation. Samuels?*? has correlated mechanical
properties in polypropylene with amorphous orientation factors computed
from the Stein-Norris equation.?® However, in view of the results of Dees
and Spruiell’® that the amorphous region seems not to contribute to bire-
fringence in spun high-density polyethylene fibers, it seems better to follow
the work of Abbott and White'® and use the Hermans orientation factor.
The uniform variation of ¥ with f, for all these polyethylenes shown in
Figure 15 indicates that crystalline orientation would seem to play a
primary role in determining the tensile modulus. A similar attempt was
made to correlate tensile strength and elongation to break of the three
polyethylenes with the Hermans orientation factor. This is shown in
Figures 16 and 17. The data for tensile strength show good correlation.
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Fig. 17. Elongation to break of spun polyethylene fibers as a function of the Hermans
orientation factor.

In contrast, the elongation to break behaviors of the two HDPE’s are
similar, but that of the LDPE is distinctly different.

Results for Drawn Fibers

Figure 18 compares force—elongation or engineering stress—strain curves
for spun and drawn LMW-HDPE with different take-up velocities. The
differences are striking. The modulus and tensile strength are found to
increase sharply with drawing, while the elongation to break is sharply
reduced. The effects are qualitatively similar but more pronounced than
the influence of take-up velocity on the mechanical properties of spun
fiber.

Interpretation of Drawn Fiber Data

An attempt was made to correlate the tangent modulus, tensile strength,
and elongation to break in terms of the Hermans ¢ axis orientation factor.
The results are shown in Figures 19-22. Dashed lines separate spun from
drawn fibers. It isevident that the modulus and tensile strength (based on
initial cross-sectional area) inerease slowly and almost linearly to very high
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Fig. 18. Comparison of stress-strain curves of spun and drawn fibers taken up at different
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values of f, followed by an extremely rapid increase. Indeed, it appears
that the modulus and tensile strength become independent of orientation
at the highest orientation levels.

Figure 21 plots “true’” tensile strength based upon final cross-sectional
area, determined by

&__F._b _E’E’IQ po Lo (12)

where V and p refer to volume and density, and the subscript b, to break.
The spun polyethylenes separate into two lines of distinctly different slope,
indicating higher levels of true tensile strength for the low-orientation high-
density polyethylene fibers.

The question arises as to the maximum possible combination of proper-
ties, e.g., tensile strength, achievable by a combined melt spinning—cold



2562 WHITE, DHAROD, AND CLARK

100 T T T T
® LDPE

80|~ m LMW HDPE i
o A HMW HDPE 4
'o
>
NE 60 |- #—'
O
~
w
Q
[ =
>
)
» 40— H
b=
>
hel
(=]
3

20 |~ —~

Ml

0.2 0.4 06 0.8 1.0
Orientation Factor (f.)

Fig. 19. Tangent modulus E of spun and drawn fibers as a function of Hermans orienta-
tion factor.

drawing experiment. It is found by surveying the results of our experi-
ments that if drawing is carried out to the maximum draw ratio, that fibers
spun at low take-up velocities have the greatest tensile strength.

INTERPRETATION OF MELT SPINNING AND
DRAWING IN TERMS OF CRYSTALLINE MORPHOLOGY

Introduction

A concise discussion of the more detailed structure of crystalline poly-
ethylene would seem worthwhile for future reference. The 100-200 A re-
peat distance observed in erystalline polymers led at first to the hypothesis
of a“fringed micelle”’ structure in which polymer chains exist in crystallites
of this thickness. It was suggested that a polymer chain might run through
several crystallite and interconnecting amorphous regions.® However, the
discovery of solution-grown thin lamellae of single crystals of polyethyl-
ene® % with thicknesses of the same order as this repeat distance led to a
counsiderable rethinking of the erystalline structure of bulk polymers. Asa
chain-folding hypothesis was necessary to explain the structure of single
crystals, it seemed reasonable to apply this to bulk polymers as the x-ray
structural data gave no reason to prefer the fringed micelle structure.
However, it soon became apparent that the folded-chain lamellae model was
able to explain structural features inexplicable by the fringed micelle
structure. This was most apparent in the birefringent character of the
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spherulites formed during the bulk crystallization of polyethylene. It has
been shown?®:3° that the polymer chain axis must lie in the circumferential
direction which is difficult to rationalize in terms of a radially aligned micelle
structure. In contrast, this molecular orientation is entirely consistent
with a radial growth of folded-chain lamellae. Therefore, we feel the best
interpretation of our data on molecular orientation lies in proposing reason-
able spatial distributions of folded-chain lamellae. It is not necessary
that the chains be regularly folded; indeed, the variation of erystallinity
may best be explained in terms of the degree of irregularity in the nature
of chain folding, thus creating variations in the amount of “amorphous”
material between the lamellae.

Spun Fibers

Spinning of fibers is an important case of crystallization under stress
which we have found gives rise to complex molecular orientations in agree-
ment with the observations of many other investigations. Keller and
Machin® and Clark and Garber,’® among others, propose that crystalliza-
tion under low take-up stresses yields ‘“row structures’ of folded-chain
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lamellae growing from a fibril nucleus. Variationsin the amount of twist-
‘ing (a function of stress level) cause wide variations in the nature of the
molecular orientation as determined by x-ray diffraction. Katayama,
Amano, and Nakamura!! (developing the ideas of Seto, Hara, Tajima, and
Miyagi) consider that lamellae grow perpendicular to the direction of stress
and that variations in stress cause corresponding changes in the angle of
tilt between the folded-chain stems and the lamella surface. Still another
interpretation is offered by Kobayashi and Nagasawa® in terms of develop-
ment of a conical-shaped spiral structure consisting of lamellae inclined at
a constant angle to the stress direction, with the chain stems in turn in-
clined to the lamella surface.

It seems quite impossible for us to distinguish uniquely between these
various models. However, we offer what appears to us to be the most
reasonable interpretation of our data. Common to all of the cases of spun
fibers studied is the orientation of the b axis perpendicular to the direction
of stress. Superimposed on this is a rather large variation in the orienta-
tions of the @ and ¢ axes. These data, summarized in Figure 6, are most
eagsily explained by the twisted lamella hypothesis. In spherulites of
polyethylene, lamellae grow parallel to the unit-cell b axis.®® Thus, the b
axis is parallel to the spherulite radius. Under stress, as in fiber spinning,
we propose, in agreement with the interpretations of Keller and Machin,®
that a fundamental change in nucleation occurs. In a region of localized,
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high extensional flow, a fibril nucleus is created, which is not necessarily an
extended chain structure but creates a row of nucleation sites parallel to the
stress direction from which lamellae grow in a manner similar to that from
the “point”’ nucleus of the spherulite. If the growth axis of the lamellae
is parallel to the b axis as in the spherulite, the b axis of the row structure will
be normal to the fiber axis. As growth of the lamellae continues, variations
in the degree of twisting about the b axis may occur. Growth of this type
gives a Hermans-Stein orientation function of f, = —0.5, whatever the
degree of twist. In the limiting case of full 360° twisting of lamellae about
the growth direction in a row structure, 1t follows that the three orientation
functions must be

fi= =05 f,=f = 0.25. (13)

In another limiting case of lamellae growth in a row structure but with no
twisting,

fo=f.=—05 f. =10 (14)

Our interpretation of the data in Figure 6 is that in the case of LDPE, at
low take-up velocities (low stress), the lamellae have a high degree of twist-
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ing, perhaps in an irregular manner as suggested by the study of LDPE
spherulites by Geil.®* At higher stresses, the lowering of £, and correspond-
ing increase in f, suggest less twisting, although the low value of f, at the
limits of spinnability implies a substantial degree of twisting is still present.

The LMW-HDPE seems to follow a similar progression of structural
changes with increasing take-up velocities. In this case, the tendency of
the lamellae to twist is less than in the LDPE. The LMW-HDPE struc-
tures approach the row structure of untwisted lamellae as expressed by
eq. (14). The higher molecular weight specimen of HDPE shows no evi-
dence of f, having a positive value, implying a pronounced tendency for
planar conformation of lamellae. As we have seen, planarity in lamella
growth is associated with a high stress level during crystallization. It is
possible that as a result of greater molecular entanglement at high molecular
weight, the stress level, even at low take-up velocities, is sufficiently high
to prevent development of twisted lamellae. We must also consider the
possibility that the two curves of HDPE may be similar in nature but
displaced along the axis of take-up velocity. Thatis, data recorded at very
low take-up velocities for HMW-HDPE might show a region of positive
£, similar to that of LMW-HDPE.

It is significant to note that in our interpretation of morphology of melt-
spun fibers of polyethylene, the complex orientation functions are attributed
solely to variations in the conformation and orientation of lamellae and not
to break-up and unfolding of lamellae. We restrict these morphologic
phenomena, to postdrawing operations as described in the next section.

Drawn Fibers

The great increases in modulus and tensile strength and decrease in
elongation to break associated with the drawing of fibers clearly imply a
disruption of the basic (folded-chain lamellae) morphology. Indeed, the
‘changes in mechanical properties are no longer directly correlatable in
terms of averaged orientations. ¥normous increases in modulus and
tensile strength occur while f,, f», and f. remain unchanged. Various views
of these deformation mechanisms have been summarized by Peterlin and
his associates??.63 84 and others.

Basiecally, these ideas can be summarized as follows: Initially, the un-
drawn crystalline polymer consists of folded-chain lamellae joined by a
small but important fraction of tie molecules. On drawing, the lamellae
break up into folded-chain blocks, on the order of 100-300 A in diameter,
which subsequently aggregate to form the fundamental unit of drawn strue-
ture—the fibril. The fibril consists of alternating crystal blocks (small
chain-folded units) and amorphous regions. The latter consists of chain
folds, free chain ends, and tie molecules. Thus, the folded-chain blocks
which were neighbors laterally in the undeformed structure become
neighbors longitudinally in the drawn fibril. Tie molecules which connect
the blocks in the longitudinal (draw) direction provide the principal source
for strength and modulus of the fiber. According to this model, the tensile
strength and modulus will increase with the fraction of the tie molecules.
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